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A B S T R A C T
Commercial and model alloys were exposed at 570 °C to metal dusting conditions at 1 and 21 bar in CO-H2-H2O
and CO-H2-CO2-CH4-H2O atmospheres, respectively, with similar ac and PO2. γ” precipitation beneath the surface
of 625 superalloy was due to Nb diﬀusion toward the Cr-depleted zone formed during oxidation. 693 superalloy
was more carburised than 690 superalloy. α-Al2O3 formation was believed to induce cracks through the oxide
scale, resulting in the alloy carburisation. Cu addition to a FeNiCr model alloy lead to the formation of an almost
continuous Cu layer at the oxide/metal interface, greatly improving the metal dusting resistance.
1. Introduction
Metal dusting is a catastrophic type of corrosion aﬀecting metallic
materials in highly carburising atmospheres, characterised by a carbon
activity (ac) greater than unity (ac≫ 1) [1,2]. This particular corrosion
phenomenon is encountered in several industrial processes, such as
steam methane reforming [3], ammonia [4] and methanol production
[5] and coal gasiﬁcation [6] plants. The degradation processes and the
degradation rates are highly dependent on the alloy composition [7 9]
and microstructure [10,11], and also on the environment [6,12 14].
Many studies were performed to understand corrosion mechanisms,
mainly at atmospheric pressure [5,7,15 19]. Some studies were also
performed at high pressures [5,20]. Only a few publications dealt with
a comparison between tests performed in both pressure domains
[5,21 24]. The study of Rouaix Vande Put et al. [22] was carried out
at constant ac and increasing total pressure with diﬀerent oxygen
partial pressures (PO2). Nishiyama et al. studied the inﬂuence of carbon
and oxygen activities at low [25] and high [23] pressure. However, to
assess the eﬀect of the total pressure, new experiments at constant ac
and PO2 are necessary since these two parameters are recognised as
important in the metal dusting literature. The resistance to metal
dusting of several alloys in atmospheric pressure and high pressure
environments at close carbon and close oxygen activities is reported in
the following. A special attention is also given to the eﬀects of Cr, Al, Cu
and Nb. A discussion about the relevance of parameters other than the
carbon activity, based on the current experiments, is already available
[24].
2. Materials and experiments
2.1. Materials
Two metal dusting experiments were performed at 570 °C. The ﬁrst
one was carried out at atmospheric pressure (AP) in a 47.25%CO
47.25%H2 5.5%H2O gas mixture with a gas velocity of 1.8 × 10−5 m/
s. The second test was operated at high pressure (HP) 21 bar in a
49.1%H2 12.8%CO 3.1%CO2 1.6%CH4 33.4%H2O gas mixture with a
gas velocity of 2.8 × 10−3 m/s.
According to the syngas reaction, carbon activities of 33 and 32
were calculated for the AP and HP experiments, respectively. Oxygen
partial pressures of 2.1 × 10−27 bar and 7.1 × 10−26 bar were esti
mated for the AP and HP corrosion tests respectively, considering the
water decomposition reaction. A more precise description of the AP and
HP rigs and experiments is reported in references [26,27] respectively.
Five commercial alloys (800HT, HR120, 625, 690 and 693) were
tested in both rigs. Samples assigned to the AP and HP tests were made
from diﬀerent batches, except for the HR120 alloy. Two model alloys
fabricated by Spark Plasma Sintering (SPS) were also tested under HP.
A ternary FeNiCr alloy was made based on the composition of HR120
alloy, and a quaternary FeNiCrCu alloy was prepared substituting Ni by
Cu. Model alloys were sintered from powders of the pure elements.
Because of the initial oxidation of the Fe raw powder, the resulting
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microstructure contained a few volume percent of internal chromia.
The chemical compositions of the alloys are reported in Table 1. All
samples were ground to a P600 grit. The edges were chamfered to limit
any edge eﬀect. The samples for the AP experiment were 20 × 10 mm2
rectangles and 2 mm thick, except HR120 and 693 samples which were
1 mm thick. Samples tested at HP were disks with a diameter ranging
between 10 and 14 mm and a thickness comprised between 1 and
2.6 mm. The central hole was about 1.5 mm wide. Samples made of the
same material were placed upstream and downstream to ensure that the
atmosphere conditions were constant along the reaction chamber in
both corrosion rigs.
2.2. Sample characterisation
For both experiments, the test was interrupted about every 500 h. At
every interruption samples were removed and cleaned in ethanol.
Samples were systematically observed using an optical microscope in
order to follow the evolution of the corrosion damage on the surface.
The samples were also weighed to determine the mass change during
the test. After ﬁnal removal the specimens were characterised by X ray
diﬀraction (XRD) on a Seifert 3000TT apparatus with a copper anti
cathode (λ= 1.54056 Å), with a low angle of incidence of 2°, Raman
spectroscopy analyses were performed on a 64000 Jobin Yvon spectro
meter equipped with a confocal microscope (λ= 514 nm). Scanning
Electron Microscopy (SEM) using Secondary Electron (SE) and
Backscattered Electron (BSE) modes were carried out on a SEM/FIB
(FEI HELIOS 600i), coupled with an Energy dispersive X ray (EDX)
spectroscopy analyser (from Aztec Advanced) equipped with a SSD
detector. Analyses were performed using a 5 keV accelerating voltage.
The two above techniques were used on surface and cross sections of
the samples. Cross sections were prepared cutting the sample after
having protected the surface with a TEM resin and grounding and
polishing to obtain a mirror polished surface. The experimental
procedure for AP and HP tests is fully detailed in references [26,27]
respectively.
3. Results
3.1. Overview
The net mass changes of the alloys during the AP and HP
experiments are shown on Fig. 1. The Fe rich commercial alloys
(800HT, HR120) presented large mass losses in both corrosion rigs
while the Ni based superalloys (625, 690, 693) showed no signiﬁcant
mass change. The SPS FeNiCr samples were severely attacked, unlike
the Cu enriched ones. The present paper focuses on the resistance of the
three commercial superalloys and of the FeNiCr + Cu model alloy
fabricated by SPS. The oxidation and the metal dusting degradation of
800HT and HR120 alloys will be studied in details in forthcoming
articles see also references [24,26]. All samples presented at ﬁrst a
mass gain, not visible due to the scale of the ﬁgure. This mass gain can
be linked to the oxidation and carburation of the samples, i.e. the
incubation period before the large mass loss.
Macrophotographs of superalloy specimens exposed 6000 h in AP
conditions and 7966 h under HP conditions are presented on Fig. 2. For
these materials no sign of degradation was visible. However, the oxide
scale formed under HP seemed homogeneous, while variations in
colours were visible on the AP specimens. Colour variations were
localised where the samples rested on the sample holder. Thus, this is
expected to be due to the modiﬁcation of the gas ﬂow in these areas.
As each material showed a similar behaviour in both conditions and
for all exposure durations, only the superalloys exposed 7966 h in the
HP environment will be presented.
3.2. Superalloys
3.2.1. Surface analyses
SEM observations showed that the oxide scale formed on the 625
(Fig. 3a) and 690 superalloys (Fig. 3b) was continuous, although having
an inhomogeneous thickness. The oxide scale formed on the 693
superalloy exhibited Al and C rich areas (Fig. 3c) and locally a
needle like morphology (Fig. 3d). Chromia and Fe Cr spinel were
identiﬁed as the main constituents of the oxide scale for every material,
based on XRD and Raman spectroscopy analyses. The ﬂuorescence of
Cr3+ in α Al2O3 i.e. the presence of α Al2O3 was hardly detected
during Raman analyses on the 693 sample exposed 1987 h under HP. Its
detection became easier after 7966 h in the same conditions, and even
more after 14,177 h of exposure.
3.2.2. Cross sections
The cross section of the 625 sample exposed 7966 h at HP showed
needle like precipitates (Fig. 4a and b). After 14,177 h of exposure,
these precipitates can form locally a continuous layer at the alloy oxide
interface. EDS maps obtained after FIB milling revealed that these
needles contained Nb. They were ﬁnally identiﬁed as being made of the
γ” Ni3Nb phase, previously detected by XRD. These needles precipi
tated at or close to the Cr depleted zone that stemmed from the oxide
scale formation (Fig. 4b and Fig. 5). Other precipitates containing Cr or
Si were also visible around the γ” needles. According to the work of
Garcia Fresnillo et al. [28] on the oxidation of 625 superalloy at 700 °C
and 800 °C, these precipitates could be Cr carbides and silica. Al rich
oxide precipitates were also visible below the oxide scale. These ones
are expected to be internal alumina, as observed earlier for the same
alloy during oxidation tests at 760 °C [29], 900 °C and 1000 °C [30].
The cross sections of 690 and 693 superalloys exposed 7966 h under
metal dusting conditions at HP showed a carburisation for both alloys
(Fig. 4c and d). However, this carburisation is more severe for 693
alloy. In addition, the carburised depth of 693 increased with the
exposure time, while it remained constant for 690. EDS maps performed
on a 693 cross section obtained by FIB milling showed that the oxide
Alloy Ni Fe Cr Al Co Mo Nb Mn Si Ti Cu C V Technique
800HT AP 31.3 43.3 20.6 0.9 0.07 0.16 0.01 1.0 1.2 0.7 0.2 0.25 0.08 OESa
HP 28.4 45.3 22.4 1.3 – – – 0.8 1.0 0.6 0.2 – – EDX
HR120 38.2 33.3 25.6 0.2 0.02 0.13 0.4 0.8 0.8 0.02 0.07 0.33 0.08 OES
625 AP 65.7 4.4 22.3 0.5 0.04 4.2 1.7 0.1 0.4 0.4 0.01 0.17 0.03 OES
HP 64.1 1.0 25.3 0.4 0.2 5.5 2.3 0.5 0.8 0.3 – – – Certiﬁcate
690 AP 60.1 9.4 28.4 0.6 0.02 0.02 – 0.3 0.6 0.4 0.01 0.09 0.04 OES
HP 59.2 8.5 30.7 – – – – 0.1 0.6 – – 0.9 – Certiﬁcate
693 AP 58.0 3.0 30.8 7 – – – 0.3 0.1 0.5 – – – EDX
HP 59.0 3.2 30.4 6.2 – – 0.4 0.2 0.1 0.5 0.03 0.08 – Certiﬁcate
FeNiCr HP 35.3 40.8 23.9 – – – – – – – – – – EDX
FeNiCr + Cu HP 29.2 36.0 26.5 – – – – – – – 8.3 – – EDX
a Optical Emissions Spectrometer.
Table 1
Alloy composition (at%).
scale was mainly composed of Al and Cr (Fig. 6). No Cr depletion was
visible beneath the oxide scale. The Ni and Al enrichments close to the
Cr carbides were due to the local Cr consumption. It has to be noticed
that the O detection at the location of Cr carbides is an artefact due to
the overlap between the K band of O and the L band of Cr. Indeed, if the
observed precipitates were Cr rich oxides, alumina would have formed,
which was not the case.
3.3. SPS alloys
3.3.1. Surface analyses
As explained previously, the SPS FeNiCr alloy was deeply attacked,
unlike SPS FeNiCr + Cu samples (Fig. 1). The degradation of the
ternary specimens took place by pitting, while the Cu enriched alloy
showed no macroscopic evidence of degradation (Fig. 7). The attack of
the ternary material occurred preferentially at the edges of the sample.
Its location could be explained by damage of the oxide scale during
Fig. 1. Net mass change of the commercial and model alloys during metal dusting tests at (a) AP and (b) HP. (c) Higher magniﬁcation of the HP mass changes up to 7000 h.
temperature change as mechanical stress is more important at the edges
or by chemical failure due to the larger Cr depletion at the sample
edges. It could also be explained by the manufacturing process. Indeed,
samples were taken in the transverse direction of a sintered bar
fabricated in a graphite mold. The carbon could have diﬀused close
the metal powder mold interface, leading to a pre carburisation of the
external parts of the sample. To understand the resistance to metal
dusting corrosion of the Cu rich material, its cross section was char
acterised and compared to its initial microstructure.
3.3.2. Cross sections
Before exposure, the Cu rich alloy showed the precipitation of a Cu
rich phase at the grain boundaries (Fig. 8). In addition, much ﬁner Cu
rich precipitates were visible inside the grains and grain boundaries
were surrounded by a precipitate free zone. These precipitates are
believed to be almost pure FCC ε Cu. It is proposed that the
intergranular precipitation took place during sintering, while the
intragranular precipitates formed during cooling.
The cross section characterisation of the sample exposed 7966 h
under the HP conditions revealed the formation of a Cr rich oxide scale
(Fig. 9). This oxide scale was identiﬁed as chromia by both XRD and
Raman spectroscopy. Its formation led to a Cr depletion. EDS analyses
measured between 10 to 15 at.% of Cr within the two micrometres
beneath the alloy oxide interface. Beneath the oxide scale, i.e. in the Cr
depleted alloy, the number of Cu rich precipitates was lower than in the
bulk, and the precipitates were larger, forming an almost continuous
layer. The ﬁne secondary precipitates observed before exposure are not
present in the Cr depleted zone of the corroded alloy.
4. Discussion
4.1. Ni based superalloys
The precipitation of a Nb rich phase has already been reported in
Fig. 2. Optical macrophotographs of the superalloys 625 (a and c), 690 (b and d) and 693 (c and f) exposed 6000 h at AP (a–c) and 7966 h at HP (d–f).
Fig. 3. SEM (BSE) images of the surface of the superalloys (a) 625, (b) 690 and (c and d) 693 after 7966 h of exposure at HP.
previous studies on 625 alloy under oxidising conditions above 700 °C
[28 31]. Between 900 °C and 1000 °C, such precipitation was accom
panied by the appearance of a precipitate free zone [30]. The authors
explained the formation of this particular microstructure as the result of
the Nb activity decrease due to the Cr depletion that stemmed from
oxidation. The lower Nb activity in the Cr depleted zone induced the
outward Nb diﬀusion toward the alloy oxide interface where it
precipitated, forming a δ Ni3Nb layer. Such uphill diﬀusion induced
also a depletion in Nb below the Cr depleted zone, leading to the
dissolution of the δ Ni3Nb precipitates, hence the formation of a
precipitate free zone. The experiments performed between 700 °C and
800 °C did not present such precipitate free zone [28,29,31]. However,
the mechanism proposed by Chyrkin et al. [30] can be adapted to
explain the current observations. The detection of γ” Ni3Nb in the
present study, instead of the δ phase, can be justiﬁed by the experi
mental conditions. The TTT diagram of 625 alloy [32] shows that the
γ” Ni3Nb phase is more likely to form at 570 °C than the δ phase, the
latter being expected for higher temperatures [28 31]. The presence of
γ” Ni3Nb needles instead of a continuous layer can also be explained by
the experimental conditions. Indeed, the characteristic diﬀusion length
Fig. 4. SEM (BSE) images of the FIB cross section of the superalloys (a) 625 before exposure and (b) 625, (c) 690 and (d) 693 after 7966 h of exposure at HP.
Fig. 5. SEM (SE) image of the FIB cross-section and its associated elementary maps of 625 superalloy after 7966 h of exposure at HP.
of Nb in pure Ni is at least one order of magnitude below the ones
obtained for the conditions leading to a continuous layer formation
(Table 2). The needle shape can be explained by the lattice misﬁt
between the γ matrix (austenitic) and the γ” precipitates [33].
The reason for the great resistance to metal dusting corrosion of 625
alloy is then, as expected for high alloyed Ni based materials, its low
carbon permeability [34] and its high Cr content which allows the
formation and healing of a protective oxide scale [35]. In addition, its
high Mo and Nb contents contribute to enhance its corrosion resistance,
trapping carbon [8] and letting more Cr available to form the protective
oxide scale. The eﬀect of the Nb is believed to be enhanced by its uphill
diﬀusion.
The severe carburisation of 693 alloy could be linked to its higher Al
content compared to the 690 alloy. The increasing Cr3+ ﬂuorescence
signal of α Al2O3 with exposure duration, coupled to the needle like
morphology observed for the oxide on the 693 specimen exposed
7966 h under HP, could be explained by the formation of transient
alumina that turned into α Al2O3 in time. Such allotropic transforma
tion is accompanied by a large molar volume contraction [36] which
may induce cracks through the oxide scale, as often observed during the
oxidation of nickel aluminides at higher temperatures, e.g. by Tolpygo
et al. [37]. Such cracks could constitute a direct access of the corrosive
atmosphere to the metallic alloy, leading to the observed severe
carburisation. Nevertheless, no transient alumina could be detected
by Raman spectroscopy and XRD, but this may be due to the fact that
the scale was very thin. EDS mapping on Fig. 6 did not discriminate the
presence of Al in the oxide scale, the latter being too thin compared to
the interaction volume of the EDS analysis. As there is no clear evidence
of transient alumina formation, it is also possible that α alumina
formed directly from a Cr and Al rich oxide. Indeed, XRD coupled to
EDS and Raman analysis suggested that the corundum phase was
(Cr,Al)2O3. A second proposal can be made to explain the high level
of carburisation of 693 alloy. It is known that Al enrichment over the
miscibility limit of the (Cr,Al)2O3 leads to a spinodal decomposition
into chromia and α alumina [38] and is accompanied by a molar
volume contraction. Then this could also be responsible for the crack
formation within the oxide scale, explaining the severe carburisation of
the alloy. This phenomenon would not occur on 690 because of its
lower Al content. The slight carburisation of this material is supposed
to stem from the early stages of exposure, when the initial competition
between carburisation and oxidation took place. The resistance to metal
dusting corrosion of both 690 and 693 alloys, despite the detrimental
eﬀect of Al for the latter, is explained by their high Cr content, allowing
the formation and the healing of their protective chromia scale.
4.2. SPS fabricated alloys
The formation of Cu rich precipitates at the alloy oxide interface of
the Cu rich specimen exposed 7966 h to the HP environment, forming
an almost continuous FCC Cu rich layer, could be explained as follows.
As Cr content diminished as it was consumed by the oxide growth, Cu
concentration increased and the alloy composition entered in the
Fig. 6. SEM (SE) micrograph of the FIB cross-section and its associated elementary maps of 693 superalloy after 7966 h of exposure at HP.
Fig. 7. Optical macrophotographs of the alloys (a) SPS FeNiCr after 6071 h of exposure at HP and (b) SPS FeNiCr + Cu after 7966 h of exposure at HP.
miscibility gap. This lead to the precipitation of a Cu rich phase [39].
This precipitation was also enhanced by the fact that interfaces are
preferential sites for precipitation. As the oxidation of the sample
continues, the Cr depletion increases, favouring the growth of the Cu
precipitates and forming the observed microstructure at the alloy oxide
interface. During cooling, it can be supposed that the growth of the
precipitates was favoured to the detriment of the precipitation of
secondary precipitates, explaining their absence in the Cr depleted
zone. However, more experiments and characterisations are necessary
to ﬁrmly conﬁrm the proposed mechanism for FCC Cu precipitation. Cu
addition reduces carbon formation catalysis, as Cu possesses ﬁlled d
orbitals [40,41]. It diminishes also graphite nucleation [42] and carbon
solubility [42], improving metal dusting resistance. The resistance to
metal dusting corrosion of the Cu rich samples can then be explained by
their high Cu content which reduced the carbon transfer into the
material, favouring the formation and healing of the protective oxide
scale. The formation of the Cu precipitates at the alloy oxide interface,
where they could form an almost continuous layer for longer exposure
times, is expected to enhance its eﬀect. The inﬂuence of this precipita
tion on the oxide adherence and thermodynamical stability, but also on
the uphill Cr diﬀusion, have to be taken in consideration. Cu precipita
tion could indeed be beneﬁcial for metal dusting resistance but
detrimental for the oxidation resistance. It has to be noticed that it
was reported in the literature that Cu addition to commercial Fe Ni Cr
alloys above the Cu solubility limit had a detrimental eﬀect on metal
dusting resistance [39]. The authors explained this behaviour by the
precipitation of the Cu rich phase, whose interface with the matrix was
considered as a preferential graphite germination site. This detrimental
eﬀect was not observed in the current study, despite a pronounced Cu
rich phase precipitation. This diﬀerence could be explained by the use
Fig. 8. SEM (SE) micrograph of the FIB cross-section and its associated elementary maps of the SPS FeNiCr + Cu alloy before exposure.
Fig. 9. SEM (SE) micrograph of the FIB cross-section and its associated elementary maps of the SPS FeNiCr + Cu alloy after 7966 h of exposure at HP.
of model alloys, avoiding the detrimental eﬀect of minor elements
contained in the commercial alloys used by Zhang and Young [39]. The
diﬀerence could also be explained by a diﬀerent surface preparation, as
the samples of Zhang and Young were polished to a 3 μm ﬁnish while
the specimens used in the present study were ground. Indeed, it is well
known that grinding enhances the resistance to metal dusting of alloys
which form a protective oxide scale [11].
5. Conclusions
The resistance to metal dusting of three commercial Ni based
superalloys and of a Cu rich FeNiCr model alloy was investigated under
high pressure for durations up to 14,000 h.
625 alloy showed great resistance to metal dusting due to its Cr rich
composition, allowing the formation of a protective oxide scale. Cr
depletion resulting from its selective oxidation lead to a Nb uphill
diﬀusion and γ” Ni3Nb needles formed below the surface, beneﬁcial for
the resistance to metal dusting.
Despite a more or less severe carburisation regarding the material,
690 and 693 alloys also showed no evidence of metal dusting degrada
tion because of their high Cr content. The slight carburisation observed
on 690 alloy is supposed to come from the early stages of exposure,
during the initial competition between oxidation and carburisation. The
severe carburisation of 693 alloy stemmed from a direct access of the
atmosphere to the metallic material through cracks in the oxide scale.
These cracks could be explained by the molar volume contraction
induced either by a transient alumina formation that turned into α
Al2O3 or by a Cr and Al rich oxide decomposition into chromia and α
Al2O3. Al is thought to be detrimental in the studied conditions.
The FeNiCrCu quaternary alloy resistance to metal dusting is
explained by its Cu content, as this element decreases carbon transfer
and graphite nucleation rates. The beneﬁcial inﬂuence of Cu might be
enhanced by its precipitation at the alloy oxide interface. The inﬂuence
of the precipitation on the oxidation of the material should be
investigated as it might inﬂuence the thermodynamics and the kinetics
of the oxidation due to the localisation of the precipitates.
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